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Abstract

Binary hypereutectic Al-21.5wt.%Si alloy was studied by XRD in-situ at 610◦C in the
two-phase (liquid + solid) state. Primary β-Si, liquid and α-Al FCC phases were found to co-
exist at 610◦C. The α-Al solid solution with FCC lattice parameter 423.8 ± 5 pm was stably
present in the hypereutectic melt over a long time soaking, although theoretical equilibrium
phase diagram does not allow such combination. The total driving force of nucleation for
classical Gibbs-Thomson and modified theories was calculated. The stable existence of α-Al
phase was explained as a kinetic effect due to local nucleation of silicon phase and it was
shown to be thermodynamically favourable within certain limits of the nuclei size due to local
depletion of the liquid phase when nucleation rate exceeds mass transport rate.

K e y w o r d s: aluminium-silicon alloy, semi-solid state, crystal lattice, heterogeneous nucle-
ation, Gibbs energy

1. Introduction

The phase formation during solidification of metal-
lic melts is an essential process, which determines the
final microstructure and properties of alloys. The so-
lidification of melts with more than one component
usually proceeds through a semi-solid range of liquid
and solid (unless the composition is purely eutectic
one) where high-temperature phase forms the first un-
der liquidus curve.
It is generally assumed that the equilibrium state

of the system is being approached during longer iso-
thermal processing with constant parameters like pres-
sure, total composition, etc. From the phase diagram
analysis three main answers are usually being sought:
the amount of equilibrium phases, fractions of these
phases and the equilibrium concentrations of compon-
ents in these phases. It is also generally known that so-
lidification process is essentially non-equilibrium one
and thus thermodynamically stable state should be
considered as the final target but hardly achievable.
Nevertheless, phase nucleation and growth are gov-
erned by thermodynamics which specific form of equa-
tions depends on the nucleation mechanism and other
limiting factors like mass and heat transfer. Therefore,
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by undercooling the melt below the liquidus and hold-
ing it isothermally at this temperature, one should
be able to reach near-equilibrium state with some
primary crystals and remaining liquid phase. In the
case of Al-Si melts, these are primary β-Si phase which
consists of mostly silicon and Al-Si liquid with com-
position defined by the liquidus point at this tem-
perature [1–3]. However, because of possible different
nucleation and phase growth kinetics the real state of
the melt could be different from that prescribed by
equilibrium thermodynamics. In this work the solid
phases formation was studied in semi-solid state of
the Al-21.5wt.%Si alloy at 610◦C with in-situ XRD
technique.

2. Experimental procedure

The experimental alloy was prepared of aluminium
(99.99 %) and single crystal non-doped semiconductor
grade silicon. The components were heated up to
1037◦C until complete melting in an electrical res-
istance furnace in re-crystallized alumina crucible,
soaked during 15 min and cooled with crucible. The in-
got was partitioned into the samples for XRD and mi-
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Ta b l e 1. The interferences of α-Al phase in the sample No. 1

hkl 111 200 220 311 222 400 331 420 422 511; 333 440

21exp, E 16.70 19.20 27.60 – – 39.19 42.86 44.08 48.32 51.22 56.31
21calc, E 16.70 19.31 27.44 32.29 33.77 39.19 42.87 44.04 48.50 51.65 56.63

Fig. 1. The XRD patterns of Al-21.5wt.%Si alloy at 610◦C
for first soaking.

crostructural examinations. Sample No. 1 was studied
with X-ray Θ-Θ diffractometer by heating up to 830◦C
in-situ, soaking 30 min, cooling to 610 ± 2◦C, soaked
2.5 h at this temperature and after that analysed with
XRD (Mo Kα radiation, scan rate 2 deg min−1) three
times. Sample No. 1 has also been subjected to the
same heating regime but after soaking at 610◦C it
was immediately quenched in 5 % acetic acid ice-water
solution within a thin-walled (0.3 mm) alumina cru-
cible. Estimated cooling rates were ∼ 103 K s−1. This
sample was used for microstructural examination (car-
ried out with microscope Olympus PMG-3).

3. Results and discussion

The equilibrium phase diagram of the Al-Si sys-
tem predicts the volume fraction of the liquid phase
∼ 87 % at 610◦C, the rest being β-Si solid phase
(primary crystals). Figure 1 shows obtained XRD pat-
terns (main contribution from liquid phase has been
deducted because it was not the object of this study).
There were practically no differences in patterns in-
tensity and diffraction angles between the XRD meas-
urements.
The positions of the β-Si phase peaks are slightly

displaced vs. standard (room temperature) reference
card data, probably as the result of the silicon lat-
tice thermal expansion and some aluminium solubil-

ity. The interferences of the FCC lattice (solid solution
of Si in Al-lattice, i.e. α-Al phase) with lattice para-
meter 423.8 ± 5 pm were also evident from the Fig. 1
(their identification is shown in Table 1). This lattice
parameter reasonably agrees with reference parameter
from CaRIne v.3.1 database corrected to thermal ex-
pansion of pure aluminium at 610◦C (410.5 ± 5 pm).
The microstructure of sample No. 1 includes typ-

ical primary silicon crystals (length 50,. . .,100 µm,
microhardness Hµ = 8400–8800MPa) and rounded
bright-etching grains (Hµ = 350 MPa) proven to be
the α-Al solid FCC solution (Table 1). These grains
are only located at the surface and near the silicon
crystals, forming nearly continuous shells around the
silicon-rich crystal. The liquid phase of this sample
is transformed into a fine-differentiated quasi-eutectic
(Fig. 2a).
The essential difference of the microstructure

between samples No. 1 (quenched from 610◦C, Fig. 2a)
and No. 2 (as-cast, Fig. 2b) is the absence of plate-
-like eutectic (α-Al + β-Si)eut in the sample No. 1.
The appearance of α-Al (peaks in the XRD patterns
and large rounded α-grains) in the quenched sample
is not expected from the equilibrium phase diagram.
The possible obvious explanations are either that a)
the equilibrium was not reached or b) the formation
of the α-phase is caused by some kinetics and mass
transfer processes (due to isothermal conditions, the
rate of the latent heat of solidification was assumed
negligible). Few hours of soaking of any melt in iso-
thermal conditions are in most cases rather long times
for the composition and structure to equilibrate or at
least to reach a near-equilibrium state. The forma-
tion of the α-phase in hypereutectic Al-Si alloys could
happen during quenching where mass transfer is sup-
pressed. However, the differentiation of α-phase grains
branches is by an order less then the spacing between
coarse rounded α-grains at the surface of primary sil-
icon crystals. This does not explain why α-phase dif-
fraction patterns exist in a stable way already at 610◦C
in the semi-solid state.
The performed XRD experiments clearly prove the

formation of both solid β-Si and α-Al in the hyper-
eutectic alloy at 610◦C at the same time. The pat-
terns from the α-phase were not changing with time
what indicates the process to be at least in a steady
state. The Al-Si melts are known to be microhetero-
geneous with a strong interaction in liquid state [1–4].
Independent in-situ analysis has indicated formation
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Fig. 2. Microstructure of Al-21.5%Si alloy (a – sample No.
1, b – sample No. 2).

of (-Si4-Si4-) clusters in near-eutectics hypereutectic
alloys above the liquidus line [5]. The change of in-
teraction type to (-Al3Si-) in the melts as a result of
increase of silicon above 17 % has also been shown
earlier [1–3].
The formation of “extra-equilibrium” phases is

widely observed in casting practice. In chill-cast
Al-Si alloys, primary silicon crystals are normally sur-
rounded by α-phase. Excess silicon particles also ap-
pear in cast hypoeutectic alloys such as A356 [6],
which is “impossible” according to the classical eu-
tectic phase equilibrium diagram. During thixomold-
ing of Al-(20,. . .,40)%Si alloys stable co-existence of
α-, liquid and β-phases was observed as well [7].
Formation of β-Si was described by theories in-

volving both homogenous and heterogeneous nucle-
ation [6, 8–10]. For homogenous nucleation the driving
force is the negative free energy composed of volu-
metric Gibbs energy change due to a formation of
over-critical nucleus and surface energy change due
to formation of new interface between solid and liquid

phase (the Gibbs-Thomson equation) [11, 12]. Hillert
and Rettenmayr [12] have shown that in any case the
formation of solid phase leads to immediate depletion
of the surrounding liquid phase so the equilibration
of this zone with the bulk liquid towards new com-
position will take some time. The flux of species to
be nucleated should be balanced with the reverse flux
of the species stay in liquid state since no pores may
exist in liquid phase [12]. With this approach, Wasai
and Mukai [9] have analysed homogeneous nucleation
of alumina from liquid Fe-Al-O system and have incor-
porated also change of the free energy of liquid phase
that surrounds the nuclei. They have shown that this
change may be significant to alter the classical free
energy change of the Gibbs-Thomson equation. The
situation in real metallurgical systems indeed differs
from classical Gibbs or LSW theories due to space-
limited nature of the samples where nuclei (although
still could be considered as independent one) do affect
remaining liquid which could not anymore be con-
sidered of constant liquidus composition. After the
first nuclei were formed, the liquid zone composition,
depleted by the solid phase components, might be-
come favourable for heterogeneous nucleation of an-
other phase(s), which might look “impossible” from
the point of equilibrium phase diagram [10, 13].
To check the influence of the liquid free energy

changes on thermodynamic driving force for the nucle-
ation, a simple estimation was made using the similar
approach as in [9, 12] with data for Al-Si alloys taken
from [8], except those of Gibbs energies of pure Al
and Si as well as for their solutions, which were taken
from the ThermoCalc (version R) binary alloys data-
base. Some additional surface energy data were taken
from [14, 15]. The driving force for any stage and type
of nucleation includes a) volumetric term, depending
on supersaturation (specific undercooling), b) surface
term, depending on creation of new interface between
solid and liquid and c) a “halo” zone term, depending
on the free energy change for the remaining local liquid
due to its depletion by solidifying component. Here
latent heat of crystallization and local heating/cooling
effects are not considered and the system is supposed
to be isothermal as it was in the recent experiments.
The Gibbs energy of α-, β- and liquid phases at

610◦C is shown in Fig. 3 for the whole composition
range and in Fig. 4 enlarged for the range XSi = 0,. . .,
0.25. Tangent lines dG/dX are plotted for α-phase
composition with Xα = 0.011 and for liquid with XL

= 0.209 (as starting liquid composition), as could be
retrieved from the well-known equilibrium Al-Si phase
diagram. It could be seen (Fig. 3) that the initial liquid
with XL = 0.209 cuts the line of β-phase free energy
at X ∼ 0.925, making formation of β-phase with 0,. . .,
7.5 % Al thermodynamically possible [12]. This tan-
gent line does not touch, however, the Gibbs energy
curve of α-phase, making this volumetric driving force
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Fig. 3. Gibbs energy (J mol−1) of the main phases at 610◦C
with tangent lines (see text).

Fig. 4. Gibbs energy (J mol−1) of the main phases at 610◦C
(enlarged Al-corner of Fig. 3). Note very small range of

minimal Gibbs energy of α-phase.

for α-nucleation too positive, as one may expect. From
Fig. 4 one may also retrieve that absolute minimum
(equilibrium value [12]) of the liquid phase is reached
at XLe = 0.049 and of the α-phase at Xα

e = 7.735 ×
10−3 at this temperature. These values present theor-
etical limits of reachable compositions of the respect-
ive phases [12], although this does not mean they may
be practically achievable macroscopically in real sys-
tems.
It is now possible to calculate all these contribu-

tions for the nucleation driving force. For 1 mol of al-
loy, the number of nucleation sites might be taken as
n0 = 1013 or ∼ 1018 β-nuclei m−3 [9]. This means that
every cubic volume with ∼ 2–3 µm size would have at
lease one β-Si nucleation site (any realistic number
n0 could be taken, but it affects only some numerical
values without jeopardizing theoretical consideration
below). As in a classical case, the first volumetric driv-

ing force could be written as

∆Gvol = n0
4π
3V mβ

r3∆µSi, (1)

where r is the average radius of nucleus (m), V m is
molar volume of the phase (m3 mol−1), ∆µ is actual
local supersaturation degree (in this case the differ-
ence between chemical potentials of Si in solid β-phase
and the liquid), (J mol−1). The second driving force
contribution (surface term) is also similar to the clas-
sical case:

∆Gsurf = n04πr2σSi-L(r), (2)

where σSi-L is surface energy at the β-phase and liquid
interface (J m−2). It could also depend on the radius
of nucleus (curvature) as suggested in [9]:

σ(r) =
σ0

1 +
2ΓV m

r

; Γ = 3

√
1

NA(V m)2
(3)

with σ0 is surface energy of the perfectly flat Si-liquid
interface (J m−2), NA is Avogadro’s number and Γ is
surface excess term (mol m−2) [9]. Here possible aniso-
tropy of surface energy of nucleus is not considered.
The third term of the driving force is calculated as
change of the Gibbs energy of surrounding liquid [9].
At the time t = 0+ (immediately after instant nuc-
leation) number of moles of Si, remaining in the sur-
rounding liquid zone will be:

n1,Si(r) = N0X
0
Si − n0

4π
3V mβ

r3Xβ
Si, (4)

where N0 = 1 mol is initial amount of melt, X0Si =

0.209 is initial molar fraction of Si in the melt, Xβ
Si =

0.995 is the average Si molar fraction in the nucleat-
ing β-phase. During nucleation of β-Si liquid enriches
with aluminium and depletes with silicon, forming its
new local composition (XL1,Si). The thickness of the
depleted zone and its exact composition depend on
the mobility of silicon and aluminium, possible trans-
interface diffusion, energy and mass balances [12]. The
change of the Gibbs energy for this liquid phase will
be:

∆Gliq = XL1,Al
(
µL1,Al − µL0,Al

)
+XL1,Si

(
µL1,Si − µL0,Si

)
,
(5)

where index 1 refers to the new local composition of
the liquid and index 0 – to initial composition before
nucleation [9]. The total driving force will be

∆G1(r) = ∆Gvol(r) + ∆Gsurf(r) + ∆Gliq(r). (6)
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Fig. 5. Free energy contributions (J mol−1) for homogeneous nucleation of β-phase from the initial melt vs. nuclei radius
(m) for small size range.

Fig. 6. Free energy contributions (J mol−1) for homogeneous nucleation of β-phase from the initial melt vs. nuclei radius
(m) for the whole size range.

The results of calculation of these energy terms are
shown in Fig. 5. It is seen that “classical” nucleation
(two first terms in (6)) follows known dependence at
r > r∗ (critical radius ∼ 5.6 nm for classical Gibbs-
-Thomson theory and ∼ 3.7 nm for modified theory
[9]) but deviates strongly at r > (15,. . .,20)r∗ when
depletion of the liquid becomes significant (Fig. 6). It
is interesting to see that the nuclei formation would
theoretically be possible even if liquid composition de-
pletes too far (∆Gliq > 0) until total energy change
(∆G1) remains negative (Fig. 6). Numerically, the dif-
ference could be seen in maximal possible nucleus ra-
dius (the second crucial radius r∗∗, which is not lim-
ited in classical theory): 283 nm to reach “equilibrium”
liquidus composition and 357 nm to reach total free
energy change (6) zero. Formation of nuclei of even lar-
ger size would be thermodynamically impossible due

to further positive Gibbs energy changes and too big
decrease of liquid phase fraction (“dry-out”). There-
fore, at these conditions above one may expect nuc-
leation of β-Si in the range of radii between r∗ and
r∗∗.
The nucleation of α-phase could be enhanced by

presence of β-nuclei (heterogeneous nucleation [17]).
Following the same logic as above, the amount of nuc-
leated α-phase could be represented as a layer of thick-
ness ∆rAl, calculated from the volume of the precip-
itated α-phase [10]. All the driving forces (6) can be
calculated now again but with the reference to new
(secondary) depleted liquid composition and count-
ing for enrichment of the secondary liquid zone with
silicon (coming not from primary β-nuclei but from
the aluminium depletion of the liquid zone). The total
driving force for the layer ∆rAl of α-phase, formed on
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Fig. 7. Total driving force (J mol−1) of the heterogeneous nucleation of α-phase layer of thickness ∆rAl (m) on the top of
β-nucleus (for Rβ = 356 nm). Negative values (shown by the arrow) indicate possible nucleation limits.

the top of the nuclei of β-phase (assuming the latter
to be constant) is shown in Fig. 7. Here it could be
seen that formation of α-layer of thickness till ∆r∗∗Al
= 50–80 nm (for these specific conditions) would be
thermodynamically possible.
The stability of the formed structure (primary β-

-nuclei + shell of α-phase + remaining liquid of ter-
tiary composition) will depend on kinetics of the pro-
cesses in the system and external conditions [17, 18].
Kinetics of formation of the structure observed in-situ
could be stabilized if the formation of the clusters like
Al3Si [2, 3] or metastable phases like (Al, Si), JCPDS
card 24-0035, in the liquid phase is taken into account.
It is difficult to make evaluation of this process due to
lack of thermodynamic functions of the clusters in the
liquid, but a simple mass balance suggests that any
process involving Si nucleation would result in clusters
breakdown and immediate release of free aluminium.
The latter would have a possibility to form a “freez-
ing shell” on the nucleated Si crystal according to the
simple thermodynamic reasons shown above. Under-
cooling, typical for chill casting and quenching, would
also promote formation of such features if time for
equilibration and back diffusion will be too short. The
whole process would definitely affect the final micro-
structure and properties of the cast Al-Si alloys [16].

4. Conclusions

1. In situ XRD analysis has been carried out for Al-
-21.5wt.%Si alloy during isothermal soaking at 610◦C
and primary silicon, crystalline α-Al solid solution and
liquid phases have been identified. The α-Al solid solu-
tion has the FCC lattice with parameter 423.8 ± 5 pm
at 610◦C and it was stably present in the melt over a
long time soaking.
2. Microstructures of quenched from 610◦C and as-

-cast alloy have substantial differences. There is a
formation of the Al-rich shell around the silicon crys-
tals in quenched sample.
3. The stable existence of α-Al phase in semi-solid

state was explained as a kinetic effect due to nucle-
ation of silicon phase and it was shown to be ther-
modynamically favourable within certain limits of the
nuclei size due to local depletion of the liquid phase
when nucleation rate exceeds mass transport rate. De-
pending on the conditions, formed shell of α-Al near
the silicon crystals may have lower rate of dissolu-
tion and thus retains in the alloy for a long time. This
would play an important role for solidification of Al-Si
alloys at casting.
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