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Abstract

High temperature phase equilibria were studied in directionally solidified (DS) intermetal-
lic Ti-45.9Al-8Nb (at.%) alloy by the means of quench during directional solidification (QDS)
experiments, microstructure analysis and differential thermal analysis (DTA). During direc-
tional solidification at constant growth rates V ranging from 5.56 × 10−6 to 1.18 × 10−4
m s−1 and three measured temperature gradients in liquid at the solid-liquid interface GL of
3.5 × 103, 5 × 103 and 8 × 103 K m−1 the primary solidification phase is identified to be
β phase (Ti based solid solution with bcc crystal structure). The microstructural analysis of
quenched mushy zones excluded formation of α phase (Ti based solid solution with hcp crystal
structure) by a peritectic reaction during directional solidification. Experimentally determined
phase transformation sequences L (liquid)→ L + β → β → β+α and estimated high tempera-
ture phase stability are different from those resulting from thermodynamic calculations using
Thermo-Calc software and TiAl database. Due to preferred [001] crystallographic orientation
of the β dendrites, lamellar α2(Ti3Al)/γ(TiAl) boundaries in DS ingots are observed to be
inclined at the angles of 0◦ and 45◦ to the growth direction.

K e y w o r d s: titanium aluminides, TiAl, crystal growth, phase transformations, microstruc-
ture

1. Introduction

In recent years multiphase TiAl-based intermetal-
lic alloys [1–12] have been extensively studied as po-
tential replacements for nickel-based superalloys [13–
16], nickel [17–19] or iron [20–23] based intermetal-
lic alloys and conventional titanium alloys [24, 25].
Depending on chemical composition and heat treat-
ments, TiAl-based alloys exhibit four different types
of microstructures: (i) near gamma, (ii) duplex, (iii)
near lamellar, and (iv) fully lamellar [26–28]. The
fully lamellar or nearly lamellar microstructure con-
sisting of TiAl (γ phase) and a small volume fraction
of Ti3Al (α2 phase), exhibits better creep resistance
(apart from primary creep), higher fracture toughness
and crack propagation resistance than duplex micro-
structures [29–32]. On the other hand, higher tensile
strength, ductility and longer fatigue life are achieved
for alloys with duplex microstructure [31].
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A good combination of room temperature strength,
ductility, toughness and creep strength can be achie-
ved when the lamellar orientation is aligned parallel
to the tensile direction [32–36]. As shown in recent
studies [37–40], preferred lamellar orientation can be
achieved by directional solidification techniques. The
main difficulty of directional solidification is that the
lamellar microstructure is not formed from the li-
quid but from the solid state by precipitation of γ
lamellae in either a disordered α (Ti based solid solu-
tion with hexagonal crystal structure) or an ordered
α2-matrix following Blackburn crystallographic ori-
entation relationships of (0001)α2 ‖ {111}γ and
〈112̄0〉α2 ‖ 〈11̄0]γ [41]. Since the preferred growth
direction of α dendrites is parallel to the [0001]
crystallographic direction, the lamellar orientation
is perpendicular to the growth direction. Hence, to
achieve the required lamellar orientation parallel to
ingot axis, the orientation of the high temperature
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α phase must first be controlled. One approach to
achieve the required orientation is by seeding of
the α phase in the alloys where: (1) α phase is
the primary solidification phase, (2) nucleation of
the primary β phase (Ti based solid solution with
bcc crystal structure) can be suppressed and (3) α
phase is the interdendritic phase and β phase is
the primary solidification phase [40]. Another ap-
proach to achieve the required orientation of the α
phase is without seeding by controlling the solidi-
fication path of alloys through appropriate alloying
[42].
The aim of this paper is to estimate high tempera-

ture phase equilibria in directionally solidified (DS) in-
termetallic Ti-45.9Al-8Nb (at.%) alloy. Phase diagram
of the studied alloy around the melting temperature is
not clear and basic experimental data such as primary
solidification phase, eventual occurrence of peritectic
transformation and solidification interval is of great
interest to justify theoretical thermodynamic calcula-
tions of phase equilibria for this system. The studied
alloy has been selected as potential material for the
investment casting of low-pressure turbine blades of
aircraft engines and stationary gas turbines for power
engineering [43]. In this alloy, the addition of 8 at.% of
Nb improves high oxidation resistance and 45.9 at.%
of Al guarantees grain refinement of the as-cast mi-
crostructures through massive transformation of the
α phase to γ phase during quenching from single α
phase field [44, 45].

2. Experimental procedure

The intermetallic alloy with the chemical com-
position Ti-45.9Al-8Nb (at.%) and oxygen content of
500 wtppm was supplied in the form of vacuum arc re-
melted cylindrical ingot with a diameter of 220 mm
and a length of 60 mm. The ingot was cut to smal-
ler blocks using electro spark machining, lathe ma-
chined to a diameter of 8 mm and length of 110 mm
and directionally solidified in dense cylindrical Y2O3
moulds (purity of 99.5 %) with a diameter of 8/12 (in-
side/outside diameter) and length of 130 mm. Direc-
tional solidification was performed at constant growth
rates V varying in the range from 5.56 × 10−6 to
1.18 × 10−4 m s−1 in a modified Bridgman-type ap-
paratus described elsewhere [46]. Before directional
solidification the vacuum chamber of the apparatus
was evacuated to a pressure of 3 Pa, flushed with ar-
gon (purity 99.9995 %) six times and then backfilled
with argon at a pressure of 10 kPa, which was held
constant during melting and solidification. In order to
bind oxygen traces in the argon atmosphere and ab-
sorbed on the furnace walls and avoid their effect on
the contamination of DS ingots, granules of Ca (pur-
ity of 98.8 %) with total weight of 15 g were placed in

a metallic container close to the ceramic mould and
heated to a constant temperature of 753 K during
each directional solidification. The alloy was heated
to three different set-up temperatures T of 1923, 1953
and 1993 K. The heating rate was 0.37 K s−1 and the
melt was stabilized at T for 300 s. In order to pre-
serve the conditions at solid-liquid interface, after dir-
ectional solidification to a constant length of 50 mm
the ingots were quenched by a rapid displacement of
the mould into the water-cooled crystallizer.
Temperature profiles and gradients in the ingots

were measured by PtRh30-PtRh6 thermocouples with
a diameter of 0.15 mm at three set-up temperatures
of 1923, 1953 and 1993 K. The thermocouple wires
were put into high-purity alumina capillaries with an
outside diameter of 1.2 mm. In order to protect the
thermocouples against a direct contact with the melt,
the measurements were performed in protective one
end closed alumina tube with a diameter of 1.5/3 mm
(inside/outside diameter) and length of 600 mm. In
order to position the protective tube precisely to lon-
gitudinal ingot axis, the ingot was cut longitudinally
by electro spark machining and grooves parallel to
its longitudinal axis were machined by grinding in
both parts of the ingot. The assembled ingot with the
protective tube was placed in Y2O3 mould, heated
to a selected melt temperature at a heating rate of
0.37 K s−1 and stabilized at the melt temperature for
600 s before temperature measurements. The tempe-
rature was continuously monitored with ADAM-4018
analog input module and time-temperature data ac-
quisition was performed by a computer. The tempera-
ture profiles were measured at two different positions
of the ingots in the crystallizer of 0 and 30 mm at con-
stant set-up temperatures in the furnace. It should
be noted that the attempts to measure temperature
changes in the ingots at various applied growth rates
were not successful due to limited lifetime of the ther-
mocouples (about 600 s).
The solidus and liquidus temperatures of the al-

loy were determined by differential thermal analysis
(DTA) in alumina crucibles using alumina powder as
the reference standard. The DTA specimens were cut
from the as-received ingot by electro spark machining
and lathe machined to cylinders with a diameter of 5
mm and length of 3 mm. The transformation tempera-
tures were measured by PtRh30-PtRh6 thermocouple
at a heating and cooling rate of 8.33 × 10−2 K s−1
under argon atmosphere.
Microstructural analysis was performed by op-

tical microscopy (OM), scanning electron microscopy
(SEM) and energy-dispersive spectrometry (EDS) on
longitudinal and transversal sections of DS ingots.
OM and SEM samples were prepared using standard
metallographic techniques including grinding on SiC
papers, polishing on diamond paste and etching in a
reagent of 150 ml H2O, 25 ml HNO3 and 10 ml HF.
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Fig. 1. OM showing macrostructure of longitudinal section of ingot after directional solidification at V = 5.56 × 10−5
m s−1 and GL = 5 × 103 K m−1 to a length of 50 mm followed by quenching. A – non-melted part of the ingot, B – DS

part with columnar grain structure, C – mushy zone, D – quenched liquid.

3. Results

3.1. A n a l y s i s o f q u e n c h e d s o l i d - l i q u i d
i n t e r f a c e s

Figure 1 shows an example of the typical macro-
structure observed in quenched ingots after directional
solidification to a length of 50 mm at constant growth
ratesV ranging from 5.56× 10−6 to 1.18× 10−4 m s−1
and three different temperatures T of 1923, 1953 and
1993 K. The macrostructure consists of non-melted
part of the ingot with equiaxed grains (region A), DS
part with columnar grains (region B), mushy zone (re-
gion C) and quenched liquid with equiaxed grains (re-
gion D). Analysis of microstructure in columnar grain
region (region B) by the means of OM, SEM or back-
scattered SEM revealed high homogenization of the
alloy. Low contrast resulting from the homogenization
avoided identification of morphology of primary solidi-
fication phase. Therefore, the metallographic observa-
tions were focused on quenched solid-liquid interfaces
and detailed analysis of the mushy zones (region C),
which microstructure could be revealed by etching and
studied by OM.
Figure 2 shows quenched solid-liquid interface with

dendritic microstructure. Similar solid-liquid inter-
faces were observed in all ingots prepared by quench
during directional solidification (QDS) experiments.
The dendrites are oriented in a direction nearly par-
allel to the growth direction, which is identical with
the longitudinal ingot axis. Figure 3 shows the typical
microstructure of the dendrites in the mushy zone. As
seen on transverse section in Fig. 3a, secondary dend-
rite arms are oriented at an angle of 90◦ to each other
and form the typical “maltese cross”. Besides well-
developed secondary arms, tertiary dendrite arms ori-
entated at an angle of 90◦ to the secondary arms can
be also clearly identified. Four-fold symmetry of dend-
rites suggests a primary solidification phase with cubic
crystal structure. Assuming the chemical composition
of the studied alloy, β phase was the primary solidific-
ation phase during directional solidification. Figure 3b
shows the morphology and orientation of the second-
ary dendrite arms on a longitudinal section at a dis-

Fig. 2. OM showing morphology of quenched solid-liquid
interface on a longitudinal section of the ingot prepared
at V = 5.56 × 10−5 m s−1 and GL = 5 × 103 K m−1.
The growth direction, DS part and quenched liquid are

indicated in the figure.

tance of 2 mm from the dendrite tips. The absence of
tertiary dendrite arms indicates fast coarsening pro-
cess of the secondary arms within the mushy zone.

3.2. D i f f e r e n t i a l t h e r m a l a n a l y s i s

The precise measurements of liquidus TL and
solidus TS temperatures were performed by DTA us-
ing heating cycles. Cooling DTA curves were not con-
sidered to be representative due to possible contam-
ination of the alloy by oxygen and ceramic particles
resulting from interactions between the melt and alu-
mina crucible recently reported by Lapin et al. [46,
47]. Figure 4 shows an example of DTA heating curve
and transformation temperatures TL and TS. As seen
in this figure, solidification of the studied alloy starts
at a liquidus temperature of TL = 1843 K and is final-
ized at a solidus temperature of TS = 1778 K. Freezing
interval of the alloy ∆T = TL−TS = 65 K is relatively
large, which explains dendritic growth at all applied
solidification parameters. Assuming large freezing in-
terval, the growth of the studied alloy on a planar
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Fig. 3. OM showing morphology of dendrites in the mushy

zone, V = 2.78 × 10−5 m s−1: (a) transverse section at a
position of 3 mm from the dendrite tips, GL = 3.5 × 103
K m−1, (b) longitudinal section at a position of 2 mm from

the dendrite tips, GL = 5 × 103 K m−1.
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Fig. 4. DTA heating curve showing solidus TS and liquidus
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figure.

interface can be achieved at very low growth rates V
and high temperature gradients in liquid at the solid-
-liquid interface GL according to relationship in the
form [48]

GL
V

≥ ∆T

DL
, (1)

where DL is the diffusion coefficient in the liquid
(DL = 2.8 × 10−9 m2 s−1 [49]). As a first es-
timate, assuming technically achievable temperature
gradient in the directional solidification apparatus of
GL = 8 × 103 K m−1 [46], maximum growth rate
for a planar solid-liquid interface should not exceed
3.4 × 10−7 m s−1. This maximum growth rate is of
about one order of magnitude lower that the minimum
growth rate used in the present study.

3.3. M e a s u r e m e n t s o f t e m p e r a t u r e
d i s t r i b u t i o n a n d t e m p e r a t u r e

g r a d i e n t s i n l i q u i d

In order to relate observed microstructures to local
temperatures, measurements of temperature profiles
were performed along longitudinal axis of the ingots.
Figure 5 shows measured temperature distribution
curves at three set-up temperatures ranging from 1923
to 1993 K. At all set-up temperatures, the ingot tem-
perature increases continuously from the beginning
of the ingot (non-melted part in contact with water
cooled withdrawal rod) and reaches nearly constant
value at a position of about 65 mm. The tempera-
ture gradients in liquid at the solid-liquid interface
GL = dT/dx (x is the position in the ingot) were de-
termined as a difference between a local temperature
in the melt at a distance of 10 mm from the solid-
liquid interface and the liquidus temperature of TL =
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1843 K determined by DTA. Figure 6 shows depend-
ence of temperature gradient GL on the set-up tem-
perature at two different positions of the ingot in the
crystallizer. It is clear that the position of the ingot in
the crystallizer has no effect on the temperature gradi-
ent GL. The temperature gradientGL depends only on
the temperature and increases from 4 × 102 to 8 × 103
K m−1 with increasing set-up temperature. It should
be noted that such stationary measurements of tem-
perature gradient GL do not include the effect of heat
of fusion according to relationship [50]

KSGS = KLGL + ρSV Lv, (2)

where KS and KL are the thermal conductivities of the
solid and liquid metal, respectively; GS is the tempe-
rature gradient in solid at the solid-liquid interface,
ρS is the density of solid metal and Lv is the heat of
fusion. It is clear from Eq. (2) that the temperature
gradientsGS and GL are affected by increasing growth
rate. As results from the measurements recently pub-
lished by Jung et al. [51] for DS Ti-44Al (at.%) al-
loy, an increase of the growth rate from 2.5 × 10−5 to
1 × 10−4 m s−1 resulted in an increase of liquidus tem-
perature from 1553 to 1557 K, increase of temperature
gradient GL from 1.4 × 103 to 1.6 × 103 K m−1 and
variation in temperature gradient GS from 2.3 × 103
to 2.6 × 103 K m−1 when measured at a distance of
10 mm from the solid-liquid interface. It should be
also emphasized that these directional solidification
experiments were performed in alumina moulds [51],
which was proved to lead to alloy contamination [52].
Therefore, such measurements of temperature gradi-
ents were affected by superposition of two parameters:
(i) dynamic solidification parameters connected with

three different growth rates and (ii) various levels of al-
loy contamination resulting from different interaction
time between the melt and the mould, which might
affect phase transformation temperatures. Hence, the
measured differences in temperature gradients result-
ing from the applied growth rates can be considered to
be negligible assuming the applied methodology and
accuracy of the measurements.

3.4. E s t i m a t i o n o f h i g h t e m p e r a t u r e
p h a s e e q u i l i b r i a

QDS experiments were used to estimate solidifica-
tion path and correlate observed microstructures with
local temperatures in the ingots. Figure 7 shows the
typical microstructure of ingots prepared by QDS.
Three regions with different type of microstructure
can be clearly distinguished on longitudinal section
of QDS ingot, as seen in Fig. 7a. In the region I, the
microstructure consists of β dendrites and quenched
interdendritic liquid, as shown in Fig. 7b. As reported
by Zollinger et al. [53], during directional solidifica-
tion of Ti-Al-Nb type of intermetallic alloys, Ti and
Nb segregate into the dendrites and Al into interdend-
ritic region. Local enrichment of interdendritic liquid
by Al leads to formation of γ phase during quenching.
Besides the γ phase, no other phase indicating peri-
tectic type of reaction was found in the mushy zone.
Due to thermodynamic instability, the high tempera-
ture β phase transforms to the α phase and residual
β phase enriched by Nb forms a network within the
dendrites during quenching (Fig. 7b). Detailed ana-
lysis by backscattered SEM shows that the α phase is
also not stable and transforms to a lamellar α2+γ mi-
crostructure. The fast transformation of the β phase
to the α phase during quenching is the main reason
why the primary solidification phase cannot be identi-
fied by a simple phase analysis of the as-grown ingots
and other methods such as QDS experiments com-
bined with metallographic analysis are required. Fig-
ure 7c shows very low contrast indicating high level of
homogenization of the single β phase region II formed
just below the mushy zone. As in the previous case,
high temperature β phase is not stable and trans-
forms to the α phase with very fine residual β during
quenching. Detailed microstructure analysis revealed
areas with fine lamellar α2 + γ microstructure and
single-phase regions, in which the α phase probably
transformed to massive γ during quenching. Figure 7d
shows basket weave type of microstructure observed
in the region III. The microstructure consists of the
α phase and coarse residual β phase. The α phase is
found to be unstable and transforms to two types of
microstructures: (i) lamellar α2 + γ and (ii) probably
massive γ.
In order to estimate temperature stability of dif-

ferent microstructures observed in QDS ingots, the
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Fig. 7. Microstructure of longitudinal section of ingot prepared by quench during directional solidification (QDS) exper-
iment, V = 5.56 × 10−5 m s−1 and GL = 3.5 × 103 K m−1: (a) OM showing three microstructurally different regions
marked as I, II and III, (b) backscattered SEM showing microstructure of the region I, (c) backscattered SEM showing

microstructure of the region II, (d) backscattered SEM showing microstructure of the region III.
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Ta b l e 1. Length of the β phase region, length of the mushy zone, solidus temperature and β phase decomposition
temperature determined in QDS ingots prepared at five growth rates V and three temperature gradients GL

Growth rate Temperature gradient Length of Length of Solidus β phase decom-
V in liquid GL β phase region mushy zone temperature position temperature

(10−6 m s−1) (103 K m−1) (mm) (mm) (K) (K)

5.6 2.4 9.2 1798 1788
13.9 2.9 10.9 1787 1768
27.8 3.5 2.7 12.6 1779 1759
55.6 2.8 11.9 1783 1765
118.0 2.7 11.8 1784 1764

5.6 1.0 8.5 1773 1761
13.9 1.1 8.4 1769 1756
27.8 5.0 0.9 7.8 1776 1765
55.6 1.2 8.3 1773 1756
118.0 0.8 6.8 1787 1776

5.6 1.0 5.3 1783 1769
13.9 1.2 7.0 1764 1742
27.8 8.0 1.2 7.0 1764 1748
55.6 1.1 7.1 1764 1748
118.0 0.7 6.0 1779 1769

Mean value – – – 1778 1762

length of regions I and II was measured and related
to local temperatures determined from the measured
temperature profiles shown in Fig. 5. Table 1 summar-
izes the measured length of the mushy zone (region I)
and single β phase (region II) and corresponding tem-
peratures at five applied growth rates V and three
temperature gradients GL. It is clear that the length
of the mushy zone and single β phase region decreases
with increasing temperature gradient GL. Assuming
constant liquidus temperature of TL = 1843 K, the
solidus temperature is estimated to vary between 1764
and 1798 K and β phase decomposition temperature
between 1742 and 1788 K. Assuming mean values, the
solidus temperature is determined to be TS = 1778
K, single β phase region is stable between 1762 and
1778 K and β phase decomposition to α+β occurs be-
low 1762 K. The mean solidus temperature of 1778 K
corresponds to that determined by DTA. High tem-
perature phase stability for the studied alloy can be
described by equation in the form

L → L + β → β → β + α
T > 1843 K 1843–1778 K 1778–1762 K < 1762 K

(3)

Assuming a good agreement between the solidus tem-
perature determined by DTA and QDS experiments,
the precision of phase transformation temperature
measurements by QDS method is estimated to be
about ± 10 K. Hence, this method seems to be very
useful to provide first input data for thermodynamic
calculations of phase diagrams.

4. Discussion

4.1. E f f e c t o f p r i m a r y s o l i d i f i c a t i o n
p h a s e o n l a m e l l a r o r i e n t a t i o n

As shown by Yamaguchi et al. [40], lamellar orient-
ation in DS ingots depends on primary solidification
phase and its crystallographic orientation to the in-
got axis. During directional growth in a positive tem-
perature gradient due to the anisotropy of proper-
ties such as solid-liquid interface energy and growth
kinetics, the dendrites grow in crystallographic dir-
ection, which is the closest to the heat flow direc-
tion [54]. In the case of the β primary solidification
phase, the dendrites grow in [001] crystallographic
direction, which is nearly parallel to the longitudinal
ingot axis, as seen in Fig. 2. Such preferred crystal-
lographic growth direction of the β phase with bcc
crystal structure determines growth directions of the
{011} planes, which grow with an angle of 0◦ or 45◦
to the growth direction. When the β phase transforms
to the α phase, the crystallographic orientation rela-
tionship (110)β ‖ (0001)α is maintained between co-
existing phases [51]. Since the γ lamellae precipitate
from the parent α phase following Blackburn crystallo-
graphic orientation relationships of (0001)α2 ‖ {111}γ ,
it makes the lamellar boundary inclined at an angle
of 0◦ or 45◦ to the growth direction, as schematically
shown in Fig. 8. Figure 9 shows orientation of lamel-
lae to the growth direction in DS ingot. It is clear
that bimodal lamellar orientation with the angle close
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Fig. 8. Schema showing [001] crystallographic growth dir-
ection of the β phase with orientation of {110} crystal-
lographic planes (grey color), orientation of (0001) plane
(grey color) in the α phase and resulting two possible ori-

entation variants of α2 + γ lamellae in DS ingot.

Fig. 9. OM showing lamellar orientation in DS ingot pre-

pared at V = 5.56 × 10−5 m s−1 and GL = 8 × 103 K m−1.

Fig. 10. Calculated quasi-binary phase diagram for ternary
Ti-Al-Nb alloys with 8 at.% Nb. The chemical composition

of the studied alloy is indicated in the figure.

to 0◦ in one grain and to 45◦ in the second grain is
formed during cooling of the ingots in the temperature
gradient of the furnace. Such post-solidification micro-
structure also gives clear evidence that the β phase
was the primary solidification phase during direc-
tional solidification of Ti-45.9Al-8Nb (at.%) alloy. As
shown by Lapin et al. [44], the lamellae grow with
the angle of 90◦ to the growth direction in alloys
with α primary solidification phase. The α solidific-
ation can be achieved by appropriate alloying or by
oxygen contamination of alloys with β primary so-
lidification phase (oxygen content higher than about
4800 wtppm) [55].

4.2. H i g h t e m p e r a t u r e p h a s e
e q u i l i b r i a

Figure 10 shows quasi binary phase diagram for
ternary Ti-Al-Nb alloys with 8 at.% Nb determined
by Thermo-Calc software and TiAl database [56]. Ac-
cording to this phase diagram, equilibrium solidific-
ation of Ti-45.9Al-8Nb (at.%) leads to the following
solidification sequences:

L→ L + β → L + β + α → β + α → α → γ + α →
→ γ + α+ β → γ + β → γ + α2. (4)

There are several main differences between the solid-
ification path determined experimentally using QDS
experiments and DTA and that calculated by ther-
modynamic software. Firstly, the calculated liquidus
temperature of TL = 1878 K is by 35 K higher than
that resulting from DTA. The calculated solidus tem-
perature (peritectic temperature) of TS = 1768 K
is by about 10 K lower than that resulting from
DTA or QDS experiments. The freezing interval of
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∆T = 110 K is by 45 K larger than that measured
by DTA. Concerning the solidification sequences, the
calculated phase diagram clearly indicates peritectic
reaction L + β + α at 1768 K leading to formation
of β + α microstructure. Experimental observations
using QDS experiments clearly showed that no per-
itectic phase is formed during directional solidifica-
tion and single β phase region is achieved just be-
low the mushy zone. From this point of view, the
calculated high temperature phase equilibria are mis-
leading and the phase diagram does not fully corres-
pond to experimentally observed solidification path.
Hence, QDS experiments can be considered as use-
ful approximate experimental tool to verify thermody-
namic calculations for intermetallic systems, in which
high temperature phases pass through several solid
phase transformations resulting in fast alloy homogen-
ization.

5. Conclusions

The investigation of high temperature phase equlib-
ria in DS Ti-45.9Al-8Nb (at.%) alloy suggests the fol-
lowing conclusions:
1. During directional solidification at constant

growth rates ranging from 5.56 × 10−6 to 1.18 × 10−4
m s−1 and temperature gradients in liquid at the solid-
liquid interface from 3.5 × 103 to 8 × 103 K m−1 the
primary solidification phase is identified to be dend-
ritic β phase with bcc crystal structure.
2. The β dendrites grow in [001] crystallographic

direction, which is nearly parallel to the growth dir-
ection and ingot axis. During solid phase transform-
ations of the β phase to final lamellar α2 + γ micro-
structure the preferred crystallographic orientation of
the β phase results in lamellar boundaries inclined at
the angles of 0◦ and 45◦ to the growth direction.
3. Microstructural analysis of the mushy zones ex-

cluded a peritectic reaction during near equilibrium
directional solidification of the studied alloy. Experi-
mentally determined phase transformation sequences
L→ L+β → β → β+α and estimated high tempera-
ture phase stability are different from those resulting
from thermodynamic calculations using Thermo-Calc
software and TiAl database.
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